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Introduction

One method of enhancing the mechanical properties of a crystalline solid
is by the addition of a distributed second-phase. In general, when a finely
divided second-phase is distributed in a crystalline matrix, ;wi alloy is
formed which is considerably stronger than the single-phexa matrix alone.
These all(Ws are termed di spersion- strengthened alloys.

Althm-ugh dispersion-strengthening is but one of several methods which
may be utilized to increase the strength of a crystalline solid, it has
assumed a predominant position in the co1sjderation of strengthening solids
for high temperature service applications. This predominance arose largely
due to the discovery by Irmanxi that aluminum alloys produced by conmpacting,
hot pressing, and extruding flakce or atmnized aluminum powders, possess re-
marklable high temperature properties including the retention of usable me-
chanical strength at temperatures as high as the melting point of alumimn.
These SAP alloys consist of a dispersion of aluminum oxide particles in an
aluminum matrix. During the powder consolidation process. the aluminum
oxide coating originally present on each powder particle fractures and is
dispersed within the alloy.

During the past 15 years since I--nann' a disc very oZ the aluminum-
aluminum oxide SAP alloys. a great deal of effcrt has been expended to
develop SAP-Wpe alloys, utilizing higher melting temperature elements for
the matrix, in the hope that these dispersion-strengthened alloys would re-
tain significant levels of strength at temperatures as close to the melting
temperatures of these ma+.r'7 e!-,.ents as fcr the case of the aluminmm-
aluminum oxide SAP alloys. The successf'ul development of these SAP-Type
allays has, however, not kept pace iith this considerable effort*

To this date, not one high melting temperature matrix element dis-
persion-strengthened alloy has been developed which retains significant
mechanical strength at comparable temperatures relative to the matrix melt-
ing temperature as the useful service temperatures of the SAP alloys. This
unsuccessful developmental effort is symptomatic of the lack of funsdeL ant.1
knowledge concerning the nature of dispersion-strengthening.

(It is the purpose of this paper to present a theoretical approach '
account for the observed stre*gthening behavior of dispersion-strengthe
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alloys) Since the field of dispersion-strengthening is neither new nor
sterile, it is necessawy first to put this approach into same historical
perspective.

That a dispersed second-phase strengthens a crystalline matrix, has long
been recognized and made use of. Most of the commercially important engineer-
ing metal alloys derive their strengths on this basis. Well-known examples
include steels containing dispersions of cementite in a ferrite matrix#, be
they in the form of Ilmellar cementite in a pearlitic structure, or of spher-
oidal cementite in a tempered martensitic structure. Precipitation-hardened
ferrous and nonferrous alloys demonstrate a marked strengthening effect due
to the finely dispersed precipitate phase. Historically, the metallurgist,
although in the forefront amongst materials area disciplines in the use of
the structure-properties correlation concept, strove to explain the observed
strengthening of two-phase alloy systems, not upon the structural similarities
generally common to these alloys, but instead, compartmentalized his thought
within the framework of the processing which produced the structure. Hence,
one finds precipitation hardening, dispersion-strengthening, and the hardening
of steels explained both thoroughly and uniquely, but separately and incon-
sistently although each achieves its strength due to the presence of a finely
distributed second-phase. Although of course the structures of these materi-
als are obtained by different teclmiques, all have the snma basic structure.
Any mechanim proposed to account for the observed rtrengthoning behavior
of two-phase allays must bp applicable to all materials with similar struc-
ture independent of the method utilized to produce the structure*

Recent techniques, particularly transmission electron microscopy, have
enabled the experimentalist to extend his view beyond observations of the
microstructure and gross properties of crystalline materials to the deforma-
tion process itself. Any mechaniam proposed to account for strengthening
behavior must therefore not only predict the gross mechanical behavior of the
material fram Imowledge of its structure, but also must be consistent with
valid observations of the deformation process.

It is within this context that this paper has been written. The paper
is not intended, however, to be a review of all work which has been performed
in the field of dispersion-strengthoring. Rather, an approach is presented
which is proposed to account for the obsered strengthening behavior of two-
phase crystalline solids, Some aspects of this material have been published
previously; others have not. In addition, many of the ideas included are of
course controvers1 91 and should be considered as part of a continuing research
program instead of the result of completed work.

General AEproach

The theoretical treatment of the observed strengthenig, behavior of
dispersion-strengthened alloys would be relatively easy if all the mechanical
properties could be explained by one mechanism or calculation. Unfortunately,
this is not possible. Any mechanical property involving plasticity has to be
evaluated in terrms of dislocation motion. However, the mode of dislocation
motion responsible for one particular property may not be important for
another propertyy e.g., at low temperatures one is not concerned with dis-
location climb, whereas at high temperatures climb is necessary to oxplain
recovery. Therefore, it is not possible to derive a unique theory which
will explain all the mechanical properties of dispersion-strengthened alloys,
but rather, each mechanical property must be treated individually.



le Yield Strength Behavior

plastic deformation in crystalline solib is due to the movement of
dislocations. Crystals yield vhen large numbers of dislocations can move
appreciable distances through the lattice. This process requires that
under the action of an applied stress, two consecutive processes must occurt
first, dislocations are generated at acme source; and second, these disloca-
tions move appreciable distances through the crystal. Whichever of these
requires the higher stress - dislocation generation or dislocation mobility•
controls the yielding behavior of the solid. In single-phase materials,
either of these two processes meW be controlling., In pure annealed metals,
dielocation generation generally controls the yielding behavior. In solid
solution strengthened metals and in Bome non-metallic crystals, dislocation
mobility maoy be more restrictive.

In dispersion-strengthened alloys, however, the stress necessary to
move dislocations appreciable distances along a lattice plane is higher
than the stress required to generate dislocations from a source. In this
case., the interaction of the dislocations with the dispersed second-phase
particles contro4s dislocation mobility and hence the yielding behavior.
Ansell and Leneld have proposed a model to account for the yielding behavior
of disperaion-strengthened alloys. This model was latpr extended for the
ease of very fine dispersed-phase particles by Ansell.*

a) Model

Dislocations are formed at dislocation sources under the action
of an pplied stress. The nature of the sources is not critical in con-
sidering the model. As the dislocations expand from sources, they are
either blocked from further motion by the second-phase particles, or they
continue to move by bowing about the dispersed particles, leaving residual
dislocation loops surrounding each particle. In either event, if the dis-
location is completely blocked by the particles, or if the dislocations bow
p_-t the particles, yielding does not result. This postulate can be supported
by the following simple argument:

The first dislocation generated at a source moves in the slip plane
until it is blocked from further movenent either by the dispersed particles.,
or by its interaction with dislocations nucleated from other sources. In
single-phase materials this blockage of the lead dislocation by dislocations
frcm other sources is overcome by the increase of stress on the dislocation
due to the pile-up of subsequently nucleated dislocations behind the lead
dislocation. In a dispersion-strengthened alloy, however, the lead dislo-
cation remains blocked because: 1) the stress field of the residual loops
decreases the effective stress on the dislocation source. Therefore, because
the effective stress on the dislocation source is reduced, fewer dislocations
are nucleated at each source; 2) the stress field of the residual loops inter-
acts with the piled-up dislocation grop, changing the pile-up spacing. This
reduces the stress field ahead of the leading dislocation of the piled-up
group of dislocations. Both of these factors decrease the stress on the lead
dislocation, making it easier to be blocked. Therefore, the plastic strain,C
of the dispersion-strengthened allcy is

6 = Mi R b (1)



where M is the density of the dislocation sources, N is the number of dis-
locatilons nucleated at each source, 1R is the average radius of the dis-
location loops, and b is the B.=rgers vector of 3 he dislocation. Assuming
reasonable v~~es for these, H =_ ~ sources/cmi; E - 10 dislocations/sourceii
R - 1/2 (X- aI•),end b = 2 Xi10- cm., the resultant strain associated
with yieldingj e.g., thq strain associated with the engineering offset
yield stress is 2 x 10"-. Therefore, plastic deformation stops, and yield-
ing has not occurred vhen the back stress on the dislocation source, due to
an array of either blocked dislocations or of residual loops around the
partieles, exceeds the applied stress. The choice of the value for the
source density in the evaluation of equation (1) is not critical since the
strain varies as the cube root of the source density. Under these con-
ditions, in alloy.s "ith fine dispersions, no apparent yielding has yet
oi.a'rea. In order to cause suciA yae.Luint, we suear stress CLue eiT'er To

the dislocations piled up against or around the particles much fracture or
shear the dispersed second-phase particles. This fracturing or shearing of
the dispersed particles relieves the back stress on the dislocation source,
and also increases the stress on the lead dislocation. The dislocations
then can sweep out areas on the slip plane which are large with respect to
the dispersion spacing.

Even at one half or more of the absolute melting temperature of the
matrix metal, fracture or shear of the second-phase particles should be
necessary for appreciable yielding to occur unless recovery takes place.
Recovery can occur either by climb of piled-up dislocations at a rate
exceeding the applied strain rate, or by cross slip of piled-up disloca-
tions out of the slip plane if the geometry of the dispersed phase
particles permits. The possibility of recovery is not considered in the
following calculations:

b) Calculations Based Upon Model,

On the basis of the preceding model, th yield strength of a
dispersion-strengthened alloy is now evaluated. 3 N

The method of calculation is straight forward. First the shear stress,
on the dispersed phase particle, due either to the lead dislocation

from the dislocation source or to the inner residual dislocation loop
if the lead dislocation has bowed past the dispersed particle, is calcu-
lated as a function of the externally applied stress on the crystal,0
Then the shear stress, F, required to either shear or frasture the dis-
persed particle is evaluated. Frcm these calculations, the yield stress
of the dispersion-streangthened alloy or the externally applied stress re-
quired to shear or deform the dispersed particles, is determined.

The shear stress, rT , on the dispersed phase particle is4
Qn z- (2a)

where n is the number of dislocations piled up against or looped around
the dispersed particle. if the radius of curvature of the dislocation
nearest the particle is greater than p. b/t-, where m is a shear modulus of
the matriX crystal ( A = IRCtC(C 1 , "C12)) 9/ for cubic crystals, Cq being
the usual elastic constants).

If the radius of curvature of the dislocation nearest thc particle is



less* thae shear stress, i on the dispersed-phsue pertiol 19'1

vtaorQj Is the radius of curvatare of the dislocaton, nearest 06
aispersed particle,

Soe tamber of oICUations, &, in equation (2a) a&M (2b), acting on
the Particle dePend upon the spaing between particles according to *e

Ader 2k to the spacing between dispereeduphase particles.

Wabnin ejaticns (2a) and (N) the earstress on relativey
IMPg disperse~d-phase particles; LI.., in the cgase of spercal pwrtcles,
particles uihose diameter, jd, is greater than Iisb/r. S

Coabindug equations (2b) and (,the dsher stress =n rela+ive fine
dispersed-phase partcles; i.e., in the case of spherical particles,
ParticleS Whose diameteri, do Is loes than "iqis:

S2-2C (4ib)
2bbe shear stress,. _L that, will either shear or fracture the disparsed

phase partcle Is in general proportional to a shear MOdulus g,* or t
patcevhere foe i (5)

.g£ is a constant of pootiopalityr, which can theoretically be0 shown
to be i.n the neighborhood Of 30- For same V~pe of dispersed particles,
particularly in the case of the metastable phases or ones which awpear as
the revAlt, of the heat treabment of acme precipitation hardened a12cs, other
methods9 of evaluating the shear stremgt, IP, of the particles have been
Utilized,, If a system to considered where such an alterntive estimate of
the shear Strength appears varreated, Its substitutionz for the shear, stegth
predicted by equation (5) vwold be justified.

Ccmbinizig equaitions (4a) end (5)1, the yield strength, 7q-.sj of a die-
persian-strengtbened &Uqcr containing relatively coars dispersed-phase
particles is: (T:(6.

Camblinin equations (4ib) and (5), the yield strength, of a dtie-
persian strengthened sllqr containing fine dispersed-phasel particles lot

partcle that 2-A~ (6b)
Since it can behohm that in the case of an alloy conteainig spherical

where ;.I h vowme fraction of second-phase particles, equation NO
be rewritten in the fogm: E!/7

Whenthedispersed-phsase partcles wre sphtcal, it becoms
necessary to judiaciusly evaluate the particle sim" wich delineates the
bou~nda between the use of the canptations for either the rea~tivel
coarse or fine particles. 2he tvo ao~utatioalI treag"Mts wre of eMars
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compatible with the model, each being the limiting case of the other.

c) AM Design Based Upon Yield Strenktb Calculations.

The design of two-phase materials as regards yielding behavior
is discussed on the basis of the preceding calculations. Before entering
into specific discussions of this area, however, it is necessery to con-
sider the physical significance of the yield strength as calculated by
use of equations (6a), (6b), and (8). This yield strength is the stress
required to produce appreciable or measurable plastic deformation. As
such, it is most closely identified with either the critical resolved shear
stress of single crystals or the elastic limit of polycrystalline materials.
In the case of polycrystalline materials, the engineering offset yield
stress would be higher than, but proportional to, the calculated yield
strength.

i) Materials Selection: The shear modulus is the only property
of either the matrix or dispersed phase wbich affects the yielding behavior
of t•o-phase materials. For two-phase materials where the dispersed particle's
diameter is greater than ;, 6/•, , , the yield strength is proportional
to the square root of the product of the matrix and dispersed-phase shear
moduli. For two-phase materials where the dispersed particle's diameter is
less than p , the yield strength is proportional to the shear
modulus of the dispersed phase. In the design of two-phase materials for
high yield strengths, therefore, a dispersed-phase with a high shear modulus
should always be selected, wh le the shear modulus of the matrix is only
important if the dispersed particle size is relatively large. This leads to
the interesting conclusion, that if the dispersed-phase particle size is
sufficiently Vine, the yield strength of the two-phase material is indepen-
dent of the choice of matrix phase.

ii) Dispersed Fhase Ilorphologyo Consideration of equations
( 6 a) and (6b) indicates that the finer the spacing between dispersed phase
particles of constant size, the higher the yield strength of the two-phase
material. For such materials, the yield strength is proportional to the
reciprocal square root of the dispersion spacing for dispersed particles
whose diameter is greater than • , , and is proportional to the re-
ciprocal of the dispersion spacing for materials containing dispersed
particles of finer size. These relationships are shown schematically in
Figures 1 and 2. If, however, one considers the strength of a two-phase
material containing a given volume fraction of dispersed phase,. but
varies the interparticle spacing by changing the particle size, this con-
tinued increase of yield strength with decreasing interparticle spacing no
longer holds. As indicatcd by equations (6a) and (8), and as illustrated
in Figure 3, for a two-phase material containing a constant volume fraction
of a second phase, if the second phase is subdivided into finer and finer
spherical particles, decreasing the interparticle spacing, the yield strength
increases with the reciprocal square root of the dispersion spacing until
the particle diameter is less than 2/Th/ci% s. For particle sizes analler
than this, the yield strength reaches a maximum limit roughly proportional
to the cube root of the volume fraction of dispersed phase. In fabricating
a two-phase matcrial for highest yi-eld strcngth, thc matrix should contain
the lma•est practical volume fi'acticn of se.;ond phase particles whose maximum
particle dimcter is:
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2he effect of particle shape upon yielding behavior is important for
two reasons. FirstUy, if the dispersed phase is not spherical, it is diffi-
cult to determine the particle size below which the shear stress on the
dispersed particle due to the radius of cur=Wre of the dislocation next
to the particle becomes Important., Secondly, if .the matrix system is such
that recovery by cross slip can occur, then the particle size and spacing
become very important, This is particularly evident in a matrix with a
hdgh stacking fault energy; e.g.,, aluminum. One can asswae, however, that
if the height of the dispersed phase is approximately twice the particle
spacingp, cross slip can be neglectea, If the hei.i't of the particle is not
this l4ge, cross slip will probably occur in a high stacking fault energy
matri For these latter alloys, dispersion strengthening can occur, but
the yield strength will not be governed by the shear or fracture stress of
the second phase particle, but rather by some function of the cross slip
geumetry,

iii) Dispersed Particle - Matrix Interface. In order to increase
the yield strength of a crystalline matrx,x the dispersed phase must impede
the movament of dislocatlons. In order far the dispersed particles to
hinder dislocation movement, the dislocattlorz must be repelled from the
dispersed phase-matrix interface. Therefore, the interface has to be of
such a nature that in itbelf it is a barrier to dislocation motion, or
that the strain field of the dislocation can be mechanically transmitted
frcm the matrix lattice, through the interface, into the lattice of the
dispersed phase. In order to accaaplish this, the matrix has to either "wet",
adhere to, or cohere with the dispersed phase particles. This characteristic
of dislocation interactioo through an interface, with another phase, has been
clearly shown by Barrett in his experimental investigations of the elastic
after-effect for wires twisted in torsion. A similar investigation of the
presence or absence of the elastic after-effect in wires of the matrix
metal coatcx with a proposed dispersed phase should give good indication
of whether the interface between the two phases of a particular two-phase
Mrstem possesses this required property.

This discussion brings out the fact that in order to obtain dispersion
strengthening, the second phase meW cohere, but does not have to cohere to
the matrix. The principal characte-ristic of the coherency effect is the
lattice strain it produces in both the matrix and the second phase. If the
coherency strain changes either the matrix modulus around the dispersed
particle or the dispersed phase modulus, then it will affect the interaction
between dislocations and the dispersed particle# For the purpose of calcu-
lating dispersion strengthening effects, the size of a coumplex consisting
of the precipitated particle and the strained coherent region of the matrix
surrounding it where the modulus is significantly changed should be important,
rather than the size of the particle alone.

iv) Service ZMMV'ture. The effect of temperature upon the
yielding behavior of dispersion-strergthened alloys is a two-fold one.

First, the yield strength of these allcvs is directly dependent upon
the dispersed phase particle size and distribution. Any change in the dis-
persed phase morphology of an alloy wiil, therefore, change its yield
strength. For elevated service application, thn major problem is therefore
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structural stability. Any dispersed phase structure which is roduced by
a second-p•ase rejection fro• a solid solution is inherently unstable for
service use at elevated temperatures* The degree of instability varies with
both the iMrstem and the service tUmeratue,. Most precipitation hardened
alloys, for exmple, maintain a stable dispersed phase structure at tempere-
tures up to 100 to 2000C below the temperature at which the second phase
was formed. In this temperature range the rate of second phase coarsening
is slow enough to be considered negligible. For ex~aple, martenrtte
tempered at 5000 C would be suitable fcm" service use at temperaturos as high
an 3500 C. On the other ha&4, some of the nickel bace euperalloys make use
of a complex precipitation structure to maintain a constant dispersed phase
structure at very high tempertures. During high tmperature seav--ce, pre-
cipitate particles are continuously rejected from solid solution to replace
those particles which have coarsened. In these alloys, a dynamic structural
equilibrium is maintained to insure useful service properties.

The ultimate in max4mm possible service temperature of a dispersion-
strengthened alloy is the melting point of the matrix metal. The aluminum-
luminum oxide "SAP-Wpc" alloys fall into this category, The aluminum

oxide particles are conpletely stable in the aluminmm matrix. In order to
design other dispersion-strengthened alloys which also have this ultimate
uF.:ul service temperature, the second phase must be produced by techniques
other than by rejection fron solid solution. Some techniques which can be
used include: 1) consolidation of fine metal powders which are coated with
a stable second-phase by powder metallurgical techniques; 2) consolidation
of fine duplex phase metal powders in which one phase has been formed during
p)"r de•r fromv productt... . ran the m-lt =d 4^ insoluble -In the solid
matrix; eg., copper in lead; 3j^consolidation of fine powder mitres of
the matrix and dispersed phases. In order to maintain the maximum struc-
tural atability, at least one component of the dispersed phase must be con-
pletely insoluble and non-d iffuable in the matrix metal.

Second, if the structure is completely stable, the yield strength still
shots some variation with temperaturee This arises due to the change in the
elastic constants of the alloy associated with temperature. Inspection of
equations (6a) and (8) shows that of the terms which determine the yield
strength of a disparsion-strencgthened alloy only the shear moduli have an
appreciable tauperature dependence, Therefore, if the taaperature depen-
dence of theec moduli is kaotm, or if a reasonable approximation of this
dependence can be made, the variation of the yield strength with temperature
should be predictable.

It is interesting to consider the design of a two-phase material where
the tcmperature dependence of the yield etrcngth does not reflect the tempera-
ture dependence of the matri:r phase. This is of particular importance for
very high temperature applications, where the service tempcratureis high
as cnpormrd to the melting toaperaturc of the matrix, In this temperature
raoge, the shear modulus of the matrix would decrease rapidly. If the dis-
parsed phase particle size is less than 'k. t/q." the temperature de-
pendence of the yield strength of the two-phase material is only dependent
upon. the temperature dependence of the shear modulus of the dispersed phase.
This would dictate the selection of a dispersed phase which had a consider-
ably higher malting temperatu.e than the melting teaperature of the matrix,
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and a dispersed particle diameter less than ./2,4. when designing
an alloy for high temperature service.

d) Consistency of Yielding Behavior Theory with Experimental
Observations.

In order to consider the validity of this proposed treatment of
the yielding behavior of two-phase crystalline solids# it is necessary to
determine if both the calculations bascd upon the dislocation model de-
scribe the gross yielding behavior of such materials, and if tiue model of
dislocation interactions with second-phase particles utilized is consistent
with observations of the deforration process. In this section, experimental
data indicative of both gross yielding behavior and dislocation motion in
two-phase materials, are presented in terms of the proposed theory. Since
there are surprisingly few data available in which both the microstructure
and yielding behavior are reported, this treatment can only be indicative
of the apparent validity of the proposed theory.

i) Gross Yielding Behavior, Roberts, Carruthers and Averbach3.
determined the lower yield strength of several bypoeutectoid, eutectoid,
and bypereuctoid steels, some of them with a pearlitic, others with a
spheroidized structure. For this same series of steels, the authors
optically determined the mean spaclng between carbide particles or pearlite
patcheso Lenel, Ansell and Nelson determined. by. quantitative electron
microscopy, the average spacing between the plate-like oxide perticles, for
a series of aluminum-alumi4um oxide SAP-Type alloys. For these same alloys,
Lenel, Backensto and Rose'o determined the 0.2% offsat yield stress. The
criticql resolved shear stress of a series of overaged hiýz-purity aluminum-
copper alloys and the spacing between the dispersed second- pase particles
in these alUoys was determined by Dew-Hughes and Robertsonol

The two-phase materials utilized in each of these investigations are
representative of Uxree distinctly different methods of producing a dispersed
phase distribution in a matrix material: eutectoid decomposition, powder
metallurgy, and precipitation fran solid solution. The dispersed particle
size in each of these two-phase materials was relatively large; therefore
the yield strength behavior predicted by equation (6a),, in which the yield
strength varies as the reciprocal zquare root of the dispersed phase spacing,
should describe these data. A least squares analysis of these data shows that
the yield strengths for eaci ,of these alloys varied as the reciprocal square
root of the dispersed phase spacing. In addition, the observed yield strengths
in each case were roughly the same as calculated from equation (6a).

In an investigation of the yielding behavior of alloys consisting of very
fine #pherlcal particles of iron dispersed in a mercury matrix, Meiklejohn and
Skodae found for a series of these alloys whichocontained dispersed phase
particles whose diameters ranged from 50A to 770A that the offset yield stress
could be described by two empirically determined equations. These equations
are identical to equations (6a) and (8) except f.. the addition of a stress
constant corresponding to the determination of the offset yield stress rather
than the type of yield stress predicted from the theoretical equations.

Ashbey and Smith 3 determ.ned the yield strength and spacing between
dispersed oxide particles for a series of internally oxidized copper alloys.
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They found that the yield strength varied as the reciprocal of the
dispersed phase specing. This is the behavior predicted by equatio_ (6b)
for a series of alloys such as these, where in each of the samples the
dispersed particle diameter is of constant size and is less than

The temperature dependence of the proportional limit of two aluminum-
aluminum oxide SAP-7ype alloys was determined by Lenel, Ansell and Bosch"7

over the temperature range from 0,1 to 0,87 homologous temperature (90 to
773°K)s These data indicated that the temperature dependence of the pro-
pxotional limit was reasonably described by the square root of the tempera-
ture dependence of the product of the matrix and dispersed phase moduli
as predicted by equation (6a).

The variation in yield strength as a function of the structural
changes which occur during the aging treatment of precipitation hardened
alloys has been extensively determined qualitatively. Figure 4 is a

.,schematic plot of the yield strength variation versus aging time which is
Itypical of that observed for precipitatin hardened alloys. The yield
strength prior to the aging heat treatment is that of the supersaturated
solid solution. As aging proGresses, the volume fraction of the second
phase precipitate increases. Since the particle size of the precipitate is
very small, the yield strength increases as predicted by equation (8); L.e.,
the yield strength is approximately proportional to the cube root of the
volume fraction of the precipitate phase. If metastable, intermediate zones
or phases are formed during the precipitation, this is reflected in the yield
strength due to the variation in shear modulus associated with these pre-
cipitated phases,

At some point in the aging process, the equilibrium phase will replace
any intermediate zones or phases that may have formed. From this time on
the shear modulus of the precipitate remains constant and exerts no
further variation on yield strength. The precipitate particles continue
to coarsen as aging progresses. After all the second phase is rejected
from solid solution, the only effect of c•ing is to coarsen the precipitate
particles. The yield strength of the alloy remains constant during this
process until the precipitate particle diameter is greater than • ,$
Until this time the yield strength is only sensitive to the volume fraction
of the second phase and not to the interparticle spacing. As aging con-

tlnues beyond this stage, the yield strength falls off, since the inter-
particle spacing increases with increased particle coarseness. Here the
yield strength is given by equation (6a).

ii) Dislocation Interactions with Second Phase Particles. The
interaction of dislocations with dispersed oxide particles in recrystallized
aluminum-al.inum oxide SAP-Type alloys has been extensively investigated
by Goodrich 1, utilizing transmission electron microscopy. This investiga-
tion has demonstrated three factors which are relevant toward consideration
of the consistency of the theoretical treatment of the yielding behavior
of two-phase materials with the observed dislocation motion in these
materials.

Two of these factors are intimately connected with the validity of
intexpretation of transmission electron micro~raphs as regards the inter-
action of dislocations with dispersed, particles during deformation of
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two-phase solids. First, the dislocation configuration, upon which the
theoretical model for the yielding behavior is based, is unstable and will
relax if stress is removed from the two-phase system. Conventionally, the
thin foils which are viewed by transmission electron microsco;r are un-
stressed and therefore relaxed. If a bul1T material is deformed, then
thinned and examined in the electron microscope, the observed dislocation
configuration may be totally different frou the bulk dislocation configura-
tion. This relaxation of structure is clearly demonstrated in the sequence
of transmission electron micrographs shown in .igure 5e A dislocation loop
surrounds a dispersed aluminum oxide particle in the first micrograph in
the sequence. This configuration is consistent with the dislocation model
utilized in the theoretical treatment. As shown in the rest of the sequence,
this loop is unstable in the absence of an applied stress, and expands until
it reaches the surface of the foil. At this time, only two dislocation
segments running from one surface of the foil to the other remain. These
move, leaving only the slip traces b tc foil surface as evidence of the
presence of the original dislocation loopd Even if the foil is stressed
during observation, the nature of the dislocation particle interaction
maV be different in the foil as campared to the interaction behavior in
bulk materials.

Figure 7, a sequence of transmission electron micrographs, shows the
interaction of a moving dislocation with a group of dispersed aluminum
oxide particles. A dislocation is shown moving through the fo-L.. The
edge component of the dislocation loop is blocked from further motion by
the dispersed particles. The dislocation attempts to bypass the particles
by bowing past them. As shown in the other micrographs of the sequence,
instead of completing the bowing process, leaving residual dislocation
loops about the particles as would be the case in bulk samples, the dislo-
cation intersects the foil surface leaving a dislocation segment extending
frcm the foil surface, around the particle, and recnerging from the foil
surface. This interaction is shown schematically in Figure 8a This
observation is interpreted as confirmation of the form-ation of residual
loops about dispersed particles in bulk materials as a result of disloca-
tions bowing between particles.

The third type of dislocation-particle interaction observed in this
study which is relevant to the yielding treatment, ia shown in the sequence
of electron micrographs in Figure 6* In the first micrograph of the
sequence, a dislocation has moved against a very small dispersed aluminum
oxide particle. As shown in the second micrograph., the radius of curvature
of the dislocation decreased, end the dislocation at this point cut through
the particle. The shear stress on the particle due to tho radius of
curvature of the dislocation as calculated using equation (2b) is equal
to the fracture strength of the particle calculated using equation (5).

It should be noted that except for the use of sequential photography,
it would be all but impossible to obtain a meaningful interpretation of
these dislocation-particle interactions.

2. Work Hardening.

The treatment of work hardening in a quantitative manner is an
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Figure 5: Sequetict of dislocations relaxing away from

dispersed-phase particle; 15 seconds betweE~n
each micrograph.

(a) (b)

Figure 6: Sequence of dislocation cutting disperskdŽkv-
phase particle.; 15 seconds between each
micrograph. Arrow Poi-r'ts to jo-
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(a) (b)

(c) (d)

Figure 7: Sequence showing a dislocation looping about particle
to emerge from foil interface;15 seconds between each micrograph

Fir 8TRACES

Figure 8: Schematic illustration of -orocess shown in Figur'e 7.



extremely difficult task. Even in single-phase alloys, no unambiguous
quantitative treatment of work hardening has yet been proposed. Hence.,
in this section a qualitative picture of work hardening in dispersion-
strengthened alloys will be presented.

In single phase materials, Wilsdorf• 0 has proposed that work harden-
ing is due in large part to the formation of dislocation loops left as
debris in slip planes by jogs on moving screw dislocations. These then
mushroom their effect on work hardening by their interaction with successive
dislocations eventually leadirCg to dislocation tanle formation and the
rapid buildup of substructure.

Goodrich has observed, utilizing transmission electron microscopy,
that in the deformation of aluminum-aluminum oxide SAP-Type alloys, a
similar though accelerated work hardening process occurs. The discussion
which follows was developed jointly between Mr. Goodrich and the author.
In addition to the jog formation mechanisms which have been observed in
single-phase materials, in two-phase materials dislocation jogs are found
when dislocations cut through the dispersed phase particles. This J*
formation, due to cutting of the dispersed particles, is shown in the
sequence of electron micrographs in 1igure 6. This Jog formation can be
exxplained by the following argument. It is unlikely that the stress on
the moving dislocation is a simple shea' stress parallel to the active slip
planne Rather, one vould expect that thcre is a non-vanishing component of
stress normal to the dislocation slip plane which would act as a driving
force :or dislocation climb. Although at room tem.perature one ordinarily
would not consider the possibility of dislocation climb in aluminum, climb
over short distances is possible for the length of the dislocation line
which is cutting the dispersed particle. During the cutting process, the
fracturz of the second-phase particle creates essentially a free surface
providing an excellent sotrce or sink of vacancies. In this region, there-
fore, the dislocation could climb, producing a superjog. Although the jog
lies on an edge segment of dislocation lines, this segment may bear little
relation to the original line orientation due to bowing during the cutting
process. Since this process occurs frequently during deformation of two-
phese materials moving dislocations contain a large density of jogs. This
accelerated jog formation produces a dislocation configuration which,
following Wilsdorf, leads to extensive tangle formation.

Concurre.nt to the accelerated tangle formation, the tangles Lntertwine
with some particular configurations of dispersed particles, producing
extensive volumes of the two-phase materials which contain such heavy
substructure that they are essentially removed from the deformation process.
Succeeding dislocation movement appears confined to relatively substructure-
free volumes of the crystal. This restriction to the volume of deforming
material occurs rapidly, leads to rapid work hardening, and becomes particular-
ly important in the consideration of processes where the total deformation
volume becoaes important; e.g., fracture and creep.

3. Creep Behavior

Creep is the extension of crystals under constant stress at a constant
temperature. Creep behavior has been deceribed rheologically for max years.
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Not all the different modes of creep which have been observed can be
readily explained on the basis of a dislocation model. However, one
type of creep lends itself vell to such a treatment. This is steady-
state creep; i±e., creep at a constant rate, at temperatures above one-
half of the absolute melting temperature.

In order to treat steady-state creep, models must be set up to
describe both the metallurgical structure and the dislocation conegura-
tion in the allc and the assumption be made that both structure and
configuration remain constant. The rate is then evaluated by caleculating
the density of dislocations moving in the crystal and their r e of motion.
Two creep theories have been developed by Ansell and Weertmanl for
dispersion-strengthened allcos. The first theory should be applicable to
alloys in which the ratio of grain boundary area to volume of the allcV Is
sMail. Ansell and Weertman base their theory for the creep of these
coarse-grained allcygon a model for creep essentially due to Mott and
adopted by Weertman.o According to this model, dislocation loops are
created at sources under the action of an applied stress. The loops
expand to some maximum radius at which point they are annihilated by
climbing to dislocations of opposite sign on neighboring slip planes.
Just as fast as loops are destroyed, new loops are created at the sources
end steady-state creep is produced. For single-phase material the raq-
controlling process for creep can be either the climb of dislocation•,"
or the viscous motion of a dislocation by same microcreep mechanion.r
For coarse-grained dispersion-strengthened alloys it is reasonable to
assume, as suggested by Schoeck 2 5 that the rate-controlling process for
steady-state creep is the climb of dislocations over the second-phase
particles.

Ansell and Weertman's second creep theory was developed to account
for the creep behavior of fine-grained dispersion-strengthened alloys.
In this theory, it is postulated that the rate of dislocation n'icleation
from grain boundaries is the rate-controlling process for steady-state
creep in these fine-grained dispersion-strengthened alloys.

In the following sections, each of the two theories is presented:

a) Steady-State Creep Defined by Dislocation Climb

In order to calculate steady-state creep rates based on
dislocation climb, somewhat different models have to be adopted for a
low stress region in which the stress is insufficient to bow dislocation
loops about the particles and for a high stress region, in which the
stress will cause the dislocations to bow between the dispersed-phase
particles, leaving residual loops surrounding each particle.

For both of these models, assumptions must be made concerning the
origin of the dislocations in the dispersion-strengthened matrix and the
fractional volume of the matrix which can participate in the deformation
process. The density of dislocation sources in the two-phase materials
should be approximately the samne as in the single-phase crystalline solid.
However, since it was shown in the section on work hardening that two-phase
materials have much less volume of material which can continue to deform
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as compared with single-phase crystalline solids, it is not as eas to
determine the fractional volume of matrix which can participate in the
creep process. It is assvmed, therefore, that the fractional volume of
doeormable matrix is saie fraction, oe, of the deforming volume of a
single-phase material. ilthough at this time it is not possible to calcu-
late a value for this fraction,# c, it should be a constant for two-phase
crystelline solids which have equivalent microstructures mnd defoaustion
history. For this reason, the theoretical calculations made to predict
the steady-state creep behavior of two-phase crystalline solids can only
predict the maximum value of the absolute value of the observed creep
rates. The theory should, howeverp quantitatively describe the effects
of stress, temperature, and microstructure upon the observed creep rate.

i) Theory at Low Stresses. The creep rate in this situation
may be calculated in the following manner. The creep rate is equal to
the product of the fractional volume of deforming material, the number of
dislocation sources per unit volume giving off dislocation loops# the
plastic strain produced by one dislocation loop upon expansion to its
maximum radius, and the rate of production of dislocation loops at am
one source. The creep rate, K* is therefore equal to:

where (Kis the fractional deformable volume, M is the density of (9)
dislocation sources, -- is the maximum radius, k is the length of the
Bulrers vector of a dislocation, and R is the rate of creation of dis-
locations at one source.

The maximum radius Z can be calculated from the following argument. 2 '

The probability must be essentially one that at the maximum radius X a
dislocation loop is blocked frou further expansion by dislocations on
neighboring slip planes. Consider a pill box of radius( and height h.
Let one dislocation source be situated at the center of Ms pill bex.
There must be three other dislocation sources in the boxgince it takes
at least three other sources to block a dislocation loop.u These con-
ditions mean that the value of . must be such that (10)

or -F F
where h is the distance climbed by a dislocation in order to
annihilate a dislocation on a ncighboring slip plane. In the calculation
of the steady-state creep rate of a single-phase allcrj the distance h
is a function of stress. In the present problem the distance of climb
around particles is fixed by the geometry of the dispersed-phase (distances
u£ Lhe order of a micron), and is usually greater than the otress-dependent
values of h for single-phase alloys. Thus it is reasonable in the present
calculations to take a stress-independent value of h equal to the
dimensions of the particles, d.

Consider next the term R the rate of creation of dislocation loops,
which appears in equation (94. This rate is equal to the rate at which
dislocations ourmount the dispersed-phase particles. This is equal to the
height of climb divided into the velocity of climbs
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This velocity of climb is controlled by the diffusion of vacancies
or intersttials. Weertaan42 calculated the velocity of cl' b for a
dislocation which could maintain an equilibrium concentration of vacancies
in its vicinity. Whis velocity was:V 44 7 b'./A-r(7
where V- is the stress, D is the coefficient of self-diffusion, k Is
Bolltusrin constant, and T is absolute temperature. The equation Is
valid for an edge dislocation which is climbing by itself sace distance
away from other dislocations.

Combining equations (9), (11), and (13), gives for the creep rates

K - < 77 a-6 1 ý /, k:- cl-'-(14)
(For unresolved stress and strain rates, the right-hand side of this
equation should be divided by . •-•)

ii) -Theory at High Streeses. Now an expression for the creep
rate will be developed for stresses great enough for dislocations to be
forced past the particles by bowing about the particles, leaving residual
dislocation loops surrounding and piled up against each particle. The
rate-controlling process for steady-state creep nov is the clmb of the
residual dislocation loops around the particles. The climb of these loops
will be governed by the diffusion of vacancies away from or toward the
dislocation loop. Since the interface between the metal matrix and the
included particle should be a good source or sink of vacancies, the
vacancy flow will probably be between this interface and the dislocation
linese

The rate at which the residual dislocation loops climb around the
particles and become annihilated may be estimated. The loops are forced
to climb around the particles because of the interaction forces of the
dislocations piled qp against the particles. The number n piled up in
the distance • the dispersion spacing, is:

-h(1)

The distance a residual dislocation loop must cliub,2_, before
another loop can be pinched off about the particle is of the order:

The rate of climb of the dislocation loop is given by equation (13) with

the stress replaced by the concentrated stress n L- or:

J- cr D//J, ýý(17)
.R the rate of dislocation nucleation, is equal to the dislocation
velocity v divided by the height of the climb, -A-. Combining equations
(16) and T17) yields the expression: -

R - 4 V-4?- //1,,-(18)
Using the same argument for the dislocation source density as related
to the naximum radius of expansion of dislocation loops as for the low
stress case, equations (9), (11) and (18) are combined. This gives for
the creep rate:

<U.Dla a-3t ? / Ak-r (19)
which is valid up to stresses where n1b1/ja becomes greater than one.
If unresolved stresses and strain rates are used, the right-hand side of
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the equation should be divided by 16 -2.

At stresses great enough that n L b3/_T is greater hn one, the
velocity is no longer given by equationWY(1 but La now(0

V - 0::/26~) A7p ('vb /A1(0
The creep rate then becomes

0< //Al (1
One must assume, of course, in the application of equation (21)

that the included particles are strong enough to withstand the stresses
exerted by the dislocations piled up against thenp In the stress range
where equation (21) is valid, these stresses are very large and the
particles may fracture or plastically deform, glviLg rise to yielding
of the alloy. In this case, equation (21) merely sets a lower limit to
the creep rate.

b) Steady-State Creen Defined by Dislocation Generation froa Grain

Boundaries.

In cases where the slip length end/or dislocation mobility is
severely restricted as conpared with tho rate of Lndividual dislocation
generation frnm a large number of dislocation sources, the rate-controlling
mechanism for steady-state creep behavior may be a function of the rate
of dislocation generation. The occurrence of this apparently anomalous
process., in which the faster of two presumably consecutive processes
becomes the rate-controlling process for steady-state creep behavior, is
simply explained. Conventionallyp one considers a system containing a
constant number of operating dislocatiosLasorrces. The rate of dislocation
generation fron these sources is controlled by the movement of previously
generated dislocations away fron the source, reducing the back stress on
the dislocation source, allowing another dislocatiLon to be produced. If,
however, grain boundaries are the primary sources for dislocations in the
material, end the grain size ic very sumlIj e.g., 5 microns in diameter,
there is an e::treely large number of possible sources available, only a
few of which are operating to generate dislocations at azy one time. If
the mobility of dislocations moving from any one source is severely limited,
during the period of time that the interaction or 'ack stress of the dis-
locations prevents this source from generating another dislocation, some
other source may become operative. Since in a fine-grained allco there
are so many available sources, one can have each source became essentially
blocked after generating one dislocation and creelp deformation would still
continue. The creep rate, iii this case, is controaled by the rate at which
new sources on the grain boundary become operative. This combination of
restricted dislocation mobility with a large number of available dislocation
sources, should be present in a fine-grained, dispersion-strengthened alloV.

The energy required to 2rec a dislocation frcn a boundary is undoubtedly
stress-dependent and decreasos with decreasing stress. 5 let it be written
as Q(6-) Then in any narrow stress range about awr particular stress, Cl
the energy for this process can be written as:
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Therefore, the rate of dislocation generation, and hence the creep
rate, K$ can be described by an equation of the form:.I< - pe(23)
where A is a constant, Q is equal to d (Q) 7-( /Q1-) V a 0
equals - ,A/d" , In order to have a measurablý creep rate, a stress
must be applied V14ch is sufficient to reduce q to such a value tiat
equation (23) will predict creep rates larger than the test sensitivity.

c) AlloY Design Based Upon Steady-State Creep Calculations.

The design of two-phase materials as regards steady-state creep
behavior is discussed on the basis of the preceding calculations. Because
these calculations are only applicable for levels of applied stress below
the yield stress, in general the aspects of alloy design for high yield
strength are also applicable to the design of two-phase materials for
!reep resistance.

i) M4aterials SelectLiun. The coefficient of self-diffusion
of the matrix is the only property of either the matrix or of the
dispersed-phase which substantially affects the steady-state creep rate
of two-phase materials at all stress levels. As shown in equations (14),
(19), and (21), the steady-state creep rate, when dislocation-climb is
rate controlling, is proportional to the coefficient of self-diffusion in
the matrix. If possible, therefore, a matrix material should be chosen
bhich has a smnll coefficient of self-diffusion.

At high stresses, the steady-state creer rate is inversely propor-
tional to the cube of the matrix shear modul.uo. Xn nddition, the stress
which delineates the change in creep behavior .Lram low otress, equation (14)
to high stress, equation (19), behavior is •Q. rc t-v-L ropertional to the
shear modulus of the mzxtrix. Since this st:,r,.- JI -,t the transition
between _ steady-state creep rate iwhich is .r J. to the applied
stress to one which is proportional to tho a.-l;f the applied
stress, the matrix material should have a hi4 ;h &aroe',::clus.

It is interesting to contrast the materials selection for increased
creep resistance with the materials selection for increased yield strength.
For creep resistance the choice of matrix material is of primary importdace.
For increased yield strengthj if the dispersed-phase is sufficiently fine,
only the selection of the dispersed-phase material is important.

ii) Dis!0ersed-Phase Morphology. Inspection of equations (14)
and (19) indicateo that the steady-state creep rate is independenT of
interparticle spacing at low stress levels, while at high stresses, the
creep rate is inversely proportional to the square of the dispersion
spacing. In addition, the stress which delineates low and high stress
behavior is inversely proportional to the dispersion spacing. In fabri-
cating a two-phase material for greatest creep resistance, the mean free
path betwcen dispersed phase particles should, therefore, be as small as
possible.

For low stress levels, the creep rate is inversely proportionel to
the square of the height of the particle as shown by equation (14). At

REPRODUCED FROM
BEST AVAILABLE COPY
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highstresses, howevere, iAspction of equation (19) shows that the creep
rate is inversely proportional to the height of the particle. in con-
uiderUW the shape of dispersed-phase particles when designing allcs for
increased creep resistance, the ccabination of fine spacing ad large
particle height dictates the preeerence for plate-shaped particles.

iti) ft ,• rna: ., As indicated by equation (23), if
the matrix grain size IS eztemel fine, the steady-state creep rate will
not be governed by diulocs÷&At climb, but rather be controlled by the
rate of dislocation generation from grain boundaries. Wets would produce
an increased creep rate as compared to the seme two-phase material vhere
dislocation climb was rate- contro)ll3r. For increased creep resistance,
the grain size of the matrix should be coarseo

iv) ServAce Te1ewrature. The effect of temperature upon the
steed-state creep behavior of two-phase materials can be separated into
two areas, structural stability and temperature sensitive parameters in
the 4reep equations.

The creep equations have been derived based upon a discrete micro-
structural configuration of dispersed-phase particles in a crystalline
matriz. Any change in the dispersion morphology will therefore change
the creep behavioro The effect of temperature upon microstructural con-
figur•tAon is, of course, to reduce the overall system energy by spheroid-
Izi.g and coarsening the dispersed particles and attendantly increasing
the interparticle spacing. These processes all act to reduce creep resist-
ance. The problem of providing structural stabillty in two-phase materials
has been discussed previously, although perhaps not very satisfactorily,
in this papers Of all the aspects of alloy design for creep resistance,
the structural stability it probably the most Importat, and the least
well understood.

If the structure is completely stable, the variation of creep rate
with temporature is governed primariy by the activation energy for self-
diffusion in the alloys where dislocation climb is rate-controlling and by
the stress dependent activation enetry for dislocation generation from
grain boundaries where dislocation generation is the rate-controlling
process for steady-state creep. Additionally, when dislocation climb is
the rate-controllig process for creep, the creep rate is inversely pro-
portional to absolute temperature, and at high stress levels the creep
rate is inversely proportional to the cube of the stress-dependence of
the natrix shear modulus.

d) Consistenc of S-toady-State OMee 3ehavior with ExeIn eta

In order to consider the validity of this proposed treatment of
the creep behavior of two-phase crystalline solids, it would be desirable
to determina ,both if the calculations based upon the dislocation models
describe the observed creep behavior of such raterials, and if the dislo-
cation models utilized are consistent with direct observations of the
deforation process. Unfortunately, there is little data available which
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describes the steady-state creep behavior of these materials, and no data
which concerns the nature of dislocation motion in two-phase mateaibls during
the creep process. In this section, therefore, some experimental steady-state
creep data are presented in terms of the theory in order to indicate the
apparent validity of the proposed theory.

i) Data for Alloys where Dislocation Climb is the Rate-Controlling
Process for SteadyState Cr~ee. Steady-state creep data for two coarse-
-grained,, recrystallizedj, ""alu: ulnxa oxde SAP-Type alloys have been
obtained by Ansell and Lenel. -'•o These alloys, designated AT-14O and
RP 15-30, were fabricated by compacting, hot pressing, and then hot extruding
two different grades of atcmized aluminum powder. After this initial fabrica-
tion process, the alloys were heavily cold worked by wire drawing and then
annealed. These recrystallized alloys, consisted of a fine dispersion of
aluminum oxide platelets in a relattvely coa-rse grained (several millimeters
in diameter)- aluminum matrix. The dispersiou spacing was approximately
1 micron for the AT-400 alloy, ad 6 microns for the RP 15-30 alloy.12

Samples of these recrystallized alloys were creep tested at various
otresses, and temperatures. In Figure 9, the steady-state creep rates for
the two alloys at 5000C are shown on a logarithmic scale as a function of
stress. In addition, the creep rates predicted by equations (11.) and (19)
for these alloys, assuming o( al, at 500 0 C, and the creep ratet of high purity
aluminum at 4830 C, are also shown. Fron these experimental data and the calcu-
lated creep rates, several factors becue apparent. First, the volume fraction
of deforming material, o<, is quite low as indicated by the difference in rates
predicted theoretically, assuming o< =1; 1.e., equivalent to single-phase
materials, as ccmpared with the observed creep rates. Second, the steady-
state crcep rates of these alloys at high stresses vary, as predicted, as
the fourth power of the applied stress. Third, the creep rates in this stress
range are proportional to the dispersion spacing. The creep rate of the
RP 15-30 alloy is about 32 times faster than the rate of the AT-400 alloy at
the seme stress, while their respective dispersion spacings are at a ratio
of 6 to l.

In order to determine the effect of temperature upon the creep behavior,
two methods were utilized. First) the activation energy for steady-stato
creep was determined experimentally by conducting creep tests on the AT-1400
alloy in which the stress was held constant and the test temperature suddenly
changed. Using equation (19), a value for the activation energy, , of 37,000
cal/mole was determined from the creep rates at the two temperatures. This
value of activation energy for creep is in good agreement with the activation
energy for self-diffusion in aluminu, irmm. 1 tid th sislocation climb
is the rate-controllin8 process for steady-state creep in this alloy. Second,
utilizing equation (19) and the experimentally determined value of the

activation energy, the creep data obtained at several different temperatures,
over a wide range of stress, was normalized to a, single test temperature. A
plot of this normalized data provided a continuous relation of creep rate as
a function of stress, further indication of the apparent validity of the
theoretical treatment.

Lenel 9 has determined the steady-state creep behavior of a series of
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Figure 9: Steady-state creep rate is plotted as
function of the nppied stress for high purity

aluminum and two aluminum-aluminum oxide SAP-Type
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Figure 10: Electron fractographs of the
fracture surfaces of a) commercial purity
aluminum and b) aluminum-aluminum oxide
SAP-Type alloys.
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dispersion-strengthened lead alloys over a wide range of stress (200 to
2000 psi). His analysis of these data indicated that the creep rate of
these alloys at low stresses was proportional to the applied stress, while
at high stresses it was proportional to the fourth power of the stress.

1i) Data for Allos where Dislocation Generation From Grain
Boundaries is the lRate-Contrrillina Process for Ste2&-State Cree * Steady-
state creep data has been obtained for two fine-grained as-extruded aluminum-
aluminum oxide SAP-nmpe alloys by Ansell and Weertm=naL, and Achter and Lloyd.9
These alloys, MD-2100 and M-257 in tLe as-extruded condition, have needle-like
grains, about fLive microns in diameter, but many microns long. Both have an
avera.e dispersed-particle spacing of approximately 0.5 microns. M-257 is a
ccm-tercial grade of Aluminum Powder Metallurgy Product.

The steacsy-state creep rates of the two fine-grained alloys, when
measured at a single temperature,. followed an equation of the typoe:

where A and B are constants.

The data frcn several test temperatures could be normalized to a single
test temperature, utilizing equation (23). Thus these data are in qualita-
tive agreement with the proposed theory.

4. Fractuare Mo•de--

In general, when a two-pbase aggregate fractures, the separation mode
is a ecuiplex process which can be categorized in simple terms only under
certain conditions. In spite of this problem, however, it is possible
to delineate the effects of the dispersed-phase upon the fracture processin a qualst- te way.

The presence of a dispersed-phase has a direct effect on the ode of
fracture and inherent ductility of dispersion-strengthened alloys.c0J,)1In
a metal matrix the dispersed-phase particles provide sites of high local
stress concentration, restrict dislocation mobility and reduce rapid work
hardening. The combination of local stress concentrations with restricted
dislocation mobility can provide conditions where cleavage cracks can be
nucleated even in a fcc metal matrix. This behavior is in direct contrast
to single- phase fcc crystals where cleavege cracks normally cannot be
nucleated, either because dislocation barurers are too weak!, or because
dislocations have the ability to circumvent barriers by cross slip. In
addition, the high dislocation mobility in these single-phase crystals
allows stress relaxation to occur at the tips of rapidly moving cracks
introduced by other means.

In a relatively ductile metal mnatrix the dispersed-phase, therefore,
generally acts to reduce ductility because of the-1hoeased tendency towards
crack nucleation and growth coupled with FpDd work hardening.. in Figure 10
electron micrographs of the fracture surfaces of pure aluminum and aluminum
containing a fine dispersion of aluminum oxide are shown.32 Both samples
were brokcn in impact at room temperature. The fracture surface of the
aluinuum sample is characteristic of a ductile failure, while that of the
J!ispersion-strengthened alloy shous evidence of crack nucleation and
generation.
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In a relatively brittle metal matrix where the dislocation mobility is
restricted even without the presence of a dispersed second phase, the addition
of a dispersed-phase can act to inc:ase ductility. This apparent anomaly
arises 2.rcm the following argument.: In addition to the effects of a dispersed-
phase discussed in connection with a ductile metal matrix in brittle materials
where crack generation is relatively easy, the dispersed-phase particles serve
to: a) provide sites where cleavage cracks may open ahead of em advancing
crack front; b) dissipate the stress concentration which would otherwise
exist at the crack front; and c) alter the local effective state of stress
from plane strain to one of plane stress in the neighborhood of the crack
tip. Provided that the temperature is not too low, the average crack velocity
is thereby reduced and the average work done per unit area of fracture surface
is increased.

Variations in the effect of the dispersed-phase upon fracture mode =Y
be achieved by changes in dispersed Darticle morphclcgy and in the character
of the matrix-dispersed phase interface. The interesting result of this.
argument concerning fracture mode is that a dispersion- strengthened alloy
mny be more or less ductile than its metal matrix, depending priuvoily on
the inherent ductility of the matrix alone.

Discussion

In the preceding sections, several of the strength properties of dis-

have been handled in a rather rundamental way with a fair degree of uuccess.
The other properties discussed have been handled in a rather qualitative manner
because of the difficulty of considering them in te:rms of a unique dislocation
or metallurgical structure. In these areas, however, at least the experimental
data provided sufficient insight to provide a qualittative deksziption.

There are some properties of dispersion-strengthened alloys which at the
present time defy either a fundamental or qualitstlw treatmcnt. These in-
clude, among others, recovery and transient creep behavior. Since it appears
pointless to present unconnected experimental data in areas where there is
little understanding at this time, this treatment does not include any other
mechanical properties of two-phase alloys.
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